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Experimentally the silicon nanowires or nanopillars are naturally recovered by a thin oxide layer as soon as
they are exposed to the air or present an amorphous layer of silicon when they are milled by focused ion beam
(FIB) techniques. Here we investigate the role of the silicon amorphous shell on the plasticity of Si nanowires
(NWs), thanks to molecular dynamics simulations. It is shown that the yield strain for the nucleation of the first
dislocation is decreased for NWs with an amorphous shell when compared to pristine nanowires. For NWs with
circular cross-sections, it is shown that the shell thickness has no influence on the yield strain. Besides, through
the investigation of various rhombic cross-sections we observe that when an amorphous shell is present, the yield
strain is independent of the cross-section shape. All these results can be explained by the presence of native
atomic defects at the crystalline/amorphous interface, as revealed by a detailed atomistic analysis. These defects
act as seeds for the dislocation nucleation. As a consequence this work raises the question about the role of point
defects created in micro- and nanopillars milled by FIB techniques, in particular when they are used to study the
mechanical properties at the nanoscale.
DOI: 10.1103/PhysRevB.87.045201 PACS number(s): 62.23.Hj, 62.20.F−
I. INTRODUCTION
Thanks to the development of the experimental techniques
to probe the physical properties at the nanoscale, amazing
modifications of those properties compared to their bulk
counterparts have been revealed. In particular most of the
materials exhibit a huge yield stress at nanoscale, close to
the theoretical yield stress calculated in single crystal, as for
example in metals such as fcc Ni1 or Cu2 or bcc Mo,3 and
more surprisingly in brittle semiconductors such as silicon.4–6
Different mechanisms have been proposed to explain the
strengthening in nanostructures,1,7,8 but most of experimental
studies suggest that when the dimensions go down below the
micrometer, the usual dislocation bulk sources cannot operate
like in bulk materials:9–12 They are too few and/or hindered.
Therefore new sources, such as surface ones, must come into
play, and the yield stress must then be very high for activating
these new dislocation sources.3,13–18 The experimental results
then confirm the high yield stresses predicted by atomistic
simulations performed in defect-free nanostructures like in
metals13 or in silicon.19 At such high stresses the plasticity may
become even more complex with the activation of secondary
slip systems like in silicon nanowires.20
Interestingly, while most semiconductors are brittle in their
bulk form at room temperature, they become ductile below few
hundreds of nanometers as recently shown in Si nanowires21
(NWs), micropillars,22 and nanospheres18 or in GaAs23 and
InSb24 micropillars. This additional size effect is currently
referenced as the brittle-ductile transition at low scale. On
the other hand, the fact that semiconductor nanostructures can
sustain huge elastic strain without crack formation is at the
origin of elastic strain engineering.25 By only varying the strain
inside the nanostructures it is possible to tune the physical
properties such as the electronic mobility26 as is done in the
strained silicon technology used in microelectronics.
Nowadays the core-shell nanowires are investigated as
the nanoscale building block for the next generation of
transistors,27 for field effect transistors,28 high-efficiency light-
emitting diodes,29 or solar cells,30,31 the electronic properties
being partly controlled by the strain thanks to the growth
of various epitaxial shells on the semiconductor NWs.32
However during their ageing, the strain energy stored in the
nanowires can be relaxed through the formation of dislocations
or even worse through the formation of cracks that can
lead to the failure of nanodevices. It is then important to
understand well the mechanisms of plasticity in semiconductor
nanostructures when they are submitted to high stresses, in
order to prevent their ageing. From a fundamental point of
view, such knowledge can also provide insights on the specific
mechanical properties observed in these nanostructures, such
as the brittle-ductile transition at low scale.
In this study we focus on the understanding of the onset
of plasticity in semiconductor nanostructures. In order to
access the atomic details of the dislocation nucleation, we
used atomistic simulations that are now able to model NWs
with relevant sizes similar to those in experiments. We chose
silicon as a model for semiconductors and because there is a
large variety of well-tested classical potentials able to correctly
describe the mechanical properties. Previous numerical studies
were performed on the evolution of the yield stress in
model silicon NWs with different cross-sections,33–35 different
surface orientations,36 as a function of the strain rate35,37 and
the size,38 or by the comparison of the yield stress in full
or cagelike NWs,39 while others investigated the plasticity
mechanisms in model Si NWs36,38 or in polycrystalline NWs.40
But very few simulations have been done so far to examine
the onset of plasticity in core-shell NWs. Such NWs can be
deliberately surrounded by a silicon amorphous shell27,30,41
for technological applications, as mentioned previously. But
core-shell NWs are also representative of most realistic NWs
that are often naturally covered by a thin amorphous oxide
shell as soon as they are exposed to the air.6,28,42,43 By means
of molecular dynamics simulations, Jing et al.44 reported
a modification of the Young modulus and the bending and
torsion stiffness in crystalline-amorphous Si core-shell NWs,
according to the core-shell dimensions, but no significant
variation of the yield strain was observed. However, we have
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shown previously that the onset of plasticity in semiconductors
is very dependent on the surface detailed geometry36 or on the
surface termination like in the case of hydrogen passivated
surfaces,45 so that the presence of an amorphous shell should
play a significant role on the onset of plasticity in silicon NWs.
In this paper we present a study of the role of an amorphous
shell in the process of dislocation nucleation in silicon NWs.
The amorphous silicon shell can be considered as a surrogate
of an oxide shell. Indeed, the empirical potentials, necessary to
model quite large systems, are not reliable to properly describe
the charge transfer at the Si-SiO2 interface. In particular
we have compared model NWs (without amorphous shell)
and crystalline-amorphous core-shell NWs, to understand
the role of the surface nature on the onset of plasticity.
While dislocations are nucleated from the surface defects in
pristine SiNWs, we have observed that they are initiated from
interface defects in core-shell NWs. This result raises a lot of
questions concerning the influence of the focused ion beam
technique known to introduce many surface defects46,47 or
even amorphous layers during micropillar milling, in particular
when they are used for studying the mechanical properties.
The paper is organized as follows. In Sec. II, we first present
the computational methods and the systems used in our work.
We then describe the amorphization processes and analyze
the obtained amorphous phases. The deformation tests are
presented and discussed in Sec. III.
II. METHODOLOGY
A. Computational methods
Due to the large number of atoms in the studied nanostruc-
tures (up to 4 × 105) and to avoid thermal uncertainties, classi-
cal static simulations are mainly performed for the deformation
tests presented in Sec. III. The energy minimization of the
systems is performed by the conjugate gradient (CG) algorithm
as implanted in the code LAMMPS.48 The stopping criterion set
at 10−6 (unitless) is defined as the ratio of the energy variation
between two successive iterations, and the energy value. In
addition, to reinforce static results, molecular dynamics (MD)
simulations are also performed using the Verlet algorithm
with an integration time step t = 0.5 fs,49 and with the
temperature controlled by a Nose´-Hoover thermostat50 in the
NVT ensemble. The building of the surfaces or shell structures
of the studied NWs is made before any deformation test using
relaxations both at 0 K and with temperature, as detailed in
Secs. II B and II C.
The atomic interactions are described by the well-tested20,51
Stillinger-Weber (SW) empirical potential based on a combi-
nation of two- and three-body terms.52 Previous studies of
the plastic deformation of silicon nanostructures using the SW
potential have revealed an unusual behavior with the formation
of a characteristic stacking fault under antitwinning shear
stress.33,36 This default has been identified as an artifact of
the SW potential.53 However, this drawback can be avoided
by adjusting the three-body part of the potential.54 We have
then set the prefactor of the three-body part λ to 31, which
has also the advantage of preventing the large number of
overcoordinated atoms in amorphous silicon (a-Si) produced
by the standard SW potential,55 and which improves by the way
the quality of the obtained a-Si. We have also set the cohesive
energy at the experimental value of 4.63 eV per atom.
B. System geometry
In this work, we choose NWs oriented along the [123]
direction that present a single slip mode for the plasticity.
Two kinds of section shape are directly cut from bulk silicon,
the circular [Fig. 1(a)] and the rhombic [Figs. 1(b) and 1(c)].
SiNWs with circular cross-section shape (c-SiNWs) are close
to those commonly studied experimentally27,56,57 and present
no edges which could concentrate the stress.17,58 SiNWs with
a rhombic cross-section shape (r-SiNWs) allow studying the
influence of the angle and surface types on the SiNWs’ plastic
behavior, by adjusting the angle values. As shown in Figs. 1(b)
and 1(c), we fix the {111} surfaces and adjust the acute angles
(α) in order to build a large variety of rhombic cross-section
shapes. Most of the surfaces obtained by this way are of
high index, which leads to complex surface structures. A
specific rhombic configuration [Fig. 1(b)], called “square” in
FIG. 1. (Color online) Top view of monocrystalline SiNWs with circular (a) and rhombic cross-section α = 90◦ (b) and α = 66◦ (c) and
their core-shell counterparts (d), (e), (f) respectively, where the amorphous shell of about 2 nm is produced by the random method. (g) shows a
core-shell SiNW produced with the melting method.
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the following, is obtained when α = 90◦ and was previously
studied in detail elsewhere.36
We can perform precise comparison between such different
section shapes, provided that they have the same perimeter.59
Accordingly, the radial dimensions of the crystalline NW part
are set to 12.7 nm and 10.0 nm for the c-SiNW diameter and
the r-SiNW side, respectively. The height-over-width ratio for
the crystalline parts of c-SiNWs is around 3:1, with the height
equal to 38.6 nm to ensure periodic boundaries conditions
(PBCs) along the [123] direction. However, with such length,
thin r-SiNWs (with small α angle) undergo bending during
the compression, which is not in the scope of this study. We
then fix the height of r-SiNWs to 18.3 nm, both to prevent
bending and ensure PBCs. This choice is supported by some
calculations of the critical strain performed for c-SiNWs with
several height-over-width ratios fixed in between 0.25 and 3,
which show no significant effect on the elasticity limit or on the
first plastic events. Therefore, despite the differences between
the height-over-width ratios of the c-SiNWs and r-SiNWs
above described, we assume that the mechanical responses
of these nanostructures can be rigorously compared.
We have considered NWs with and without an amorphous
silicon shell. The NWs’ surface structures are built by means of
different methods. Without the amorphous shell [Figs. 1(a)–
1(c)], periodically reconstructed surfaces are obtained using
MEAM-Baskes potential60 while minimizing the system en-
ergy. Here the MEAM-Baskes potential is used rather than
SW, since it spontaneously yields surface reconstruction at
0 K, while SW does not.61 We have also investigated surfaces
obtained by annealing the NWs at 300 K during 30 ps with
SW potential; these kinds of surfaces will be called “annealed”
in the following. For core-shell NWs, an amorphous shell
has been added on the crystalline NWs [Figs. 1(d)–1(g)]. The
formation of the amorphous silicon is described and analyzed
in details in Sec. II C.
The compressive deformations are obtained by scaling
the simulation cell and the atom positions along the [123]
direction (NW axis), with strain increments small enough
to ensure good transversal relaxation. For static simulations,
strain increments are fixed to −0.1% and followed by an
energy minimization as described in Sec. II A. For MD,
calculations are performed for 25 ps after each strain increment
of −0.5%. The strain rate is then of the order of 108 s−1, which,
though being huge compared with experimental ones, is typical
of MD simulations.38,58,62 A reduction of the yield strain is
expected when reducing the strain rate,36,58 and a change of
the mechanism of plasticity cannot be precluded. However,
since the same mechanism of plasticity is observed for all
deformation tests presented here, and since this mechanism is
obtained at low temperature, it can be safely assumed that there
is no effect of the strain rate on the variations of the elasticity
limit for a given temperature58 or on the type of dislocation
formed.36 The conclusions of our work should consequently
be the same with different (smaller) strain rates.
C. Amorphous silicon: Construction and analysis
1. Amorphous silicon bulk
(a) Elaboration. In a recent study, Treacy et al.63 evidenced
amorphous bulk silicon as a paracrystalline structure. They
found that the well known continuous-random-network (CRN)
model appears not appropriate to describe a-Si. The reduced
density function obtained by electron diffraction and variance
data from fluctuation electron microscopy revealed local cubic
crystalline silicon clusters embedded in an a-Si phase. Finally,
they determined the periodicity of the clusters from 1 to 2 nm.
Our present work aims at studying realistic nanostructures,
which are commonly covered by a thin amorphous shell
formed during oxidization or chemical vapor deposition, for
example. In particular, their thicknesses are of the order of
the cluster periodicity observed by Treacy et al., and then
are too small to contain a significant number of crystalline
clusters. Moreover, as will be described in Sec. III, plastic
events are initiated at the core-shell interface so that they
should be weakly affected by the clusters inside the amorphous
shell. Accordingly, instead of using a paracrystalline model to
produce the thin a-Si shell, more classical approaches should
be suitable for the study of the very first stages of plasticity in
the core-shell SiNWs considered in our work. Two traditional
approaches are therefore considered here to build amorphous
bulk silicon: the well-used melting-annealing process and a
simple random distribution.
The most common method to obtain an amorphous bulk
phase is to melt crystalline bulk silicon, and then to quench the
system. In the following, we name this amorphous structure
“melted.” We first set the velocity of all atoms according to
the Boltzmann distribution, scaled to produce a temperature
of 4500 K.64 Then, we apply a Nose´-Hoover thermostat in
the NPT ensemble to maintain the temperature and to stabilize
the system for 60 ps, with the external pressure set to zero.
Molten bulk silicon is thus obtained. Finally, we quench the
system down to about 10 K with a quench rate of 1013 K/s
and with the external pressure still set to zero. The energy
is then minimized, as described in Sec. II A. The main
advantage of this approach is that a good amorphous phase
quality can be obtained since realistic natural processes of
melting are thus modeled. In addition, the amorphous phase
quality can be improved by doing several annealing-quenching
cycles. Nevertheless, the quality of the amorphous phase
is strongly dependent on the quenching rate,54 resulting in
significant cost in CPU time to obtain high-quality amorphous
phases.
An alternative method to make amorphous silicon consists
in using a random distribution of atoms, followed by an
annealing of the system. In the following, we named the
amorphous structure thus obtained “random.” More precisely,
we set a random distribution of atoms in accordance with the
silicon crystal density, as implemented in the code LAMMPS.48
Then, we statically relax the system to prevent overlapped
atoms and perform an annealing during 60 ps just below the
melting temperature, at 2400 K, and with the external pressure
set to zero. Finally, as for the melting method, we quench the
system down to about 10 K (quench rate equal to 1013 K/s
and external pressure set to zero) and then minimize its
energy.
(b) Analysis. The characterization of the amorphous struc-
tures is mainly performed by using the radial distribution
functions (RDFs).54,55,65,66 We performed the same analysis
to characterize the quality of the melted and the random
amorphous structures. Figure 2 shows the RDFs of crystalline
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FIG. 2. (Color online) Radial distribution functions (RDFs) of
crystalline (gray bars) and amorphous (solid lines) silicon. Green
points are experimental data from Laaziri et al. (Ref. 65). d/d0 is
the density ratio of the considered structure over that of the diamond
cubic structure.
(gray bars) and amorphous bulk silicon (solid lines). As
previously reported,54 we observe a shoulder on the second
peak not observed in experiments, characteristic of the SW
potential. However, this shoulder is much weaker than the extra
peak obtained with original SW potential and it appears nearly
merged with the second neighbor’s peak. Both numerical
methods give RDFs in good agreement with the experimental
one,65 shown with green points in Fig. 2.
We also compare the amorphous formation enthalpy which
is 0.33 eV/atom, both for the random and for the melted
amorphous structures. Experiments on a-Si produced by ion
implantation give an enthalpy of 0.12 eV/atom.67 Never-
theless, this difference can be explained by considering the
different melting points and quench rates between experiments
and our simulations. The melting point and the quench rate
being much higher than those of experiments, it leads to
overestimated enthalpy values in simulations. Finally, the
density ratios of the amorphous bulk over that of the crystalline
bulk are quite similar for both methods (Fig. 2).
With sufficient relaxation of the initial distribution of atoms
during the annealing, we have shown that the random and the
melting methods produce equivalent amorphous bulk silicon.
In the next section, the building of core-shell structures with
both methods is described.
2. Amorphous silicon shell
(a) Elaboration. In order to model a core-shell NW, we
divide it in two coaxial parts. The inner part is the core and
the outer part is the shell, on which the methods described
above are applied to obtain the amorphous phase. In the case of
core-shell NWs produced by the melting method, the shell part
is melted and quenched while the core part is frozen. However,
during the quenching of the NWs, recrystallization of the
melted part starts from the crystalline/amorphous interfaces
(the recrystallization also occurs if the core is not frozen).
Except for high quenching rates greater than 1014 K/s, melted
parts of core-shell NWs appear largely recrystallized after the
quenching. Figure 1(g) shows a top view of such a core-
shell structure evidencing recrystallization, as compared for
example to Fig. 1(d). The irregular interface recrystallization
can be limited by a very fast quenching, or a conjugate gradient
minimization which can be assimilated to a quenching with an
infinite rate. Figure 1(g) also shows surface roughness that
appears during the molten process. Since it is intrinsic to
the melting method, the occurrence of such roughness cannot
be prevented. The amorphous structure therefore looses its
cross-section shape.
On the other hand, the random method allows a precise
control of cross-section shape and limits recrystallization
from interfaces. Indeed, with this method the temperature
is chosen below the melting point, so as to restrict both
surface roughening and recrystallization from interfaces, while
allowing sufficient atoms reorganization to reach a suitable
amorphous state. Furthermore, the core part of the NW does
not need to be frozen during the whole process. This approach
is thus preferred.
Whatever the method used, it is of prime importance to have
quantitative elements on the interface position, its thickness,
and the quality of the amorphous shell throughout the NW. We
have then developed a FORTRAN code which allows a radial
scan of the composition of the NW, by means of the RDF
function, as detailed in the following.
(b) Analysis. To characterize the NW amorphous shell, we
divide the NW into several coaxial tubes of radius R and
thickness th, and compare the RDF obtained in each tube to
the RDF of a similar tube cut in amorphous bulk silicon. The
atoms considered in the tube are those encompassed between
a cylinder of radius R and another cylinder of radius R + th,
and this over the full height of the NW. We first determined the
smallest tube thickness allowing the best scan resolution across
the NW, that is still enough to describe the amorphous state,
and found th = 0.2 nm. For a fast and quantitative comparison
of RDFs as a function of the tube radius R, we estimate the
difference D(R):
D(R) = 〈|GR − GB |〉,
where GR is the RDF of a tube with an inner radius R and a
thickness th, virtually cut in the core-shell SiNW; GB is the
RDF of a similar tube, virtually cut in amorphous bulk silicon.
D(R) should go to zero when the considered tube is made of
a-Si with a structure similar to that of bulk a-Si.
D(R) are shown in Fig. 3 for core-shell NWs with an initial
shell thickness of 2.0 nm, obtained with the random method
before and after annealing. By definition, D(R) for amorphous
silicon is close to zero and in any case lower than D(R)
for crystalline silicon. The crystalline-amorphous transition is
then clearly evidenced by an abrupt decrease of D(R) in Fig. 3,
dividing the curves into two parts between the crystalline core
[higher D(R) values] and the amorphous shell [lower D(R)
values]. After annealing, the decrease of D(R) is less steep;
this suggests a relaxation of the first crystalline layers at the
interface leading to a decrease of the interface stresses. In
addition, the quality of the amorphous shell after annealing
appears in good agreement with the bulk one, as evidenced by
the quasinull value of D(R) for R > 6.6 nm (Fig. 3). Finally,
the extremity of the D(R) curve after annealing increases and
shows an extension of the shell radius, which we attribute to
the slight surface roughening during the annealing.
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FIG. 3. (Color online) The difference D(R) between the RDF
evaluated on a tube extracted from a core-shell NW to this evaluated
on a similar tube extracted from amorphous bulk silicon. The
amorphous phase is obtained with the random method. The core-shell
SiNW has an initial shell thickness of 2.0 nm.
3. Summary
To conclude this part, the random method is more efficient
than the melting method to control the thickness of the shell
and the position of the core-shell interface along the NW. The
subsequent annealing below the melting temperature results in
a relatively good quality of the amorphous shell. For this reason
we applied this random method to construct the core-shell
NWs in most of the simulations described in the following.
III. ONSET OF PLASTICITY IN
CRYSTALLINE-AMORPHOUS SILICON
CORE-SHELL NWs OF VARIOUS GEOMETRY
The objective of this section is to study the effects of
the cross-section shape and the amorphous shell on the very
first stages of plasticity. To this aim, we deformed the NWs
with the different surface coatings, obtained as described in
Secs. II B and II C. All the deformation tests described here
were performed at 0 K to avoid the variations of the yield strain
εy resulting from the temperature. Note however that the same
trends are also obtained for MD calculations at 300 K (not
presented here). First and foremost, we will study in Sec. III A
the influence of the amorphous shell thickness and of the cross-
section geometry on the yield strain εy , by means of circular
and various rhombic NWs. Then, in Sec. III B, the atomic
mechanisms at the origin of the formation of the first dislo-
cation in SiNWs with an amorphous shell will be described.
Finally, we will discuss these results in Sec. III C. In this work,
εy is the minimum strain value for which the first plastic event
(here the nucleation of the first dislocation) occurs.
A. Geometry and surface/shell effects on the yield strain
1. Role of the amorphous shell thickness:
The case of circular NWs
To investigate the role of the amorphous shell thickness,
we choose circular NWs with three different surface coatings.
Periodically reconstructed surfaces present well-organized
structures, such as atomic surface steps,36 while “annealed”
surfaces (Sec. II B) present less organized and nonperiodic
FIG. 4. (Color online) Snapshots of monocrystalline c-SiNW at
the yield strain εy = −17.8% [(a)–(b)]. A slice of two atomic planes is
cut from (a) and shown in (b), which encompasses the site of the first
plastic event, indicated by a red arrow. The associated mechanism
is displayed in (c) for different deformation states (see text for
details). The deformation test is performed at 0 K. Atoms are colored
according to their coordination number: The brown, green, and gray
atoms are respectively 2-, 3-, and 4-fold coordinated.
defects. The deformation tests for NWs with these two kinds
of surface states are first considered, and then compared to
the case of core-shell NWs with amorphous shells of different
thicknesses.
For SiNWs with reconstructed surfaces, surfaces have
no singularity and exhibit numerous equivalent defects that
are usually organized like surface steps. Figure 4 shows a
typical deformation test and the different snapshots of the
atomic structure display the mechanism associated to the
yield strain at an atomic scale, as described in the following.
Figure 4(a) shows the SiNW at the onset of plasticity, with
atoms colored according to their coordination number. It may
be noted that the surface reconstruction gives most of the time
3-fold coordinated atoms (≈90%) and only few are 2-fold
coordinated (≈10%). At the emergence of a characteristic
dislocation half loop, a slice of crystal is cut along the NW
axis [Fig. 4(b)] to investigate the mechanism presented in detail
in Fig. 4(c). The undeformed structure (ε = 0%) exhibits an
atomic surface step at the nucleation site. Not far from the
yield strain (ε = −17.5%), a bond is broken at proximity of
the undercoordinated atom at the surface step. At the elasticity
limit (εy = −17.8%), a perfect dislocation core is formed and
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FIG. 5. Compressive yield strain for circular core-shell SiNWs.
The empty (full) triangular point corresponds to SiNWs with
reconstructed (“annealed”) surfaces. The square points are for SiNWs
with an amorphous shell and the dotted line is a guide to the eye. The
deformation tests are performed at 0 K. For each value, the error
bar is determined with two deformation tests carried out on two
different NWs, except for the value indicated by the empty triangle
for which there is a single surface configuration. In the latter case, the
uncertainty can be considered equal to the deformation step, which
is 0.1% (not visible in the figure).
slips in a (¯111) shuffle plane. The mechanism is thus similar to
the one observed elsewhere on a model surface step in silicon
with classical19 or ab initio45 calculations.
For NWs with “annealed” surfaces, although the nucleated
dislocation remains identical to the one observed with recon-
structed surfaces, the yield strain is much lower with a value
of −15.6% (Fig. 5, full triangle). So the nonorganized surface
defects seems to favor the dislocation nucleation, conversely
to the organized ones such as surface steps on NWs with
reconstructed surfaces (Fig. 5, empty triangle).
Finally, to investigate the variation of εy as a function of
the amorphous shell thickness, we produce several c-SiNWs of
identical core radius with initial shell thicknesses in between
0.1 and 2.0 nm. Here again, at the yield strain a similar
dislocation is nucleated. However, the nucleation occurs at the
crystalline-amorphous interface and is described and discussed
in detail in Sec. III B. As shown in Fig. 5 (full squares),
εy remains nearly constant, regardless of the amorphous
shell thickness. A similar result has also been obtained
previously for smaller c-SiNWs with [111] orientation and
another semiempirical potential.44 Our results confirm that
the thickness of an amorphous shell has no influence on the
yield strain of SiNWs, at least for the studied dimensions.
Furthermore, they show that the yield stress is lower in
core-shell systems than in bare NWs with or without periodic
surface reconstruction. Since εy does not depend on the
thickness of the amorphous shell, we use hereafter a shell
thickness of 2.0 nm. It can be noted that this thickness is
characteristic of the experimental ones for amorphous41,42 or
oxide27 shells.
2. Role of the geometry on the yield strain: The case of rhombic
NWs, from square to low-angle cross-section
To investigate the role of the geometry, we now consider
rhombic NWs. They can be artificially cut from bulk with any
FIG. 6. Compressive yield strain for rhombic core-shell SiNWs
versus the acute angleα of the rhombic cross-section. The gray (black)
dashed line corresponds to r-siNWs with reconstructed (“annealed”)
surfaces. The black solid line corresponds to r-SiNWs with an
amorphous shell of 2 nm produced by the random method. The lines
are only guides for the eye. The deformation tests are performed at
0 K. For each value, the error bar is determined with two deformation
tests carried out on two different NWs, except for the NWs with
reconstructed surface (see caption of Fig. 5).
angle, which allows the study of the influence of the opening
angle on the plasticity. As the crystallographic orientation of
the surfaces or interfaces directly results from the value of the
angles, it is possible to obtain r-SiNWs with a large variety
of surface types by the mere variation of α. However, such
constructions often exhibit high-index surfaces, giving high-
energy surfaces. As for the tests on c-SiNWs in the previous
section, the analysis is performed on r-SiNWs with three
different surface coatings: reconstructed surfaces, annealed
surfaces, and finally with an amorphous shell. For r-SiNWs,
annealed surfaces are more or less disordered depending on
the precise surface crystallography.
For NWs with reconstructed or annealed surfaces, the
deformation tests performed on all rhombic NWs show that
the nucleation of the first dislocation half loop preferentially
occurs from the edges rather than from the flat surfaces (see
Table I). Such behavior was previously reported for copper
nanowires with square cross-section,58 and related to the
activation volume which is smaller at the corners than at the
surfaces. Since our calculations are performed at 0 K, they
show that the athermal yield strain, and not only the activation
volume, is smaller for dislocation nucleation at the corners
than at the surfaces. In any case, we then could expect a role
of the opening angle on the onset of plasticity as in metals.68
However, for NWs with reconstructed surfaces, yield strains
εy versus the angle α presented in Fig. 6 (gray dashed line)
exhibit large variations, without any clear trend according to
α. As the NWs are directly cut from bulk silicon according to
the chosen angle, the surfaces are high-index ones and exhibit
numerous steps. In a previous study,36 we have shown that
the nucleation was strongly correlated to the surface structure.
The surface geometry, in particular near the edges, rather than
the value of the angles, appears then at the origin of the εy
variations.
For the case of r-SiNWs with annealed surfaces, the yield
strain εy versus the angle α is presented in Fig. 6 (black
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TABLE I. Occurrence of the nucleation of the first dislocation half loop in rhombic SiNWs with various
angle α, as a function of the nucleation site (edge or flat surface). The deformation tests are performed at 0 K,
for r-SiNWs with reconstructed or “annealed” surfaces or with an amorphous shell of 2 nm.
Reconstructed surface “Annealed” surface Amorphous shell
α (degrees) Edge Flat surface Edge Flat surface Edge Flat surface
90 1 0 2 0 1 1
87 1 0 2 0 1 1
84 0 1 2 0 0 2
79 0 1 2 0 0 2
73 1 0 2 0 1 1
66 1 0 1 1 0 2
60 1 0 2 0 1 1
53 1 0 2 0 1 1
Total 6 2 15 1 5 11
dashed line). The variation of εy is quite similar to the one
above analyzed, despite a global lowering of the critical
strain. Moreover, the curve is flatter than in the case of NWs
with reconstructed surfaces, suggesting that the impact of the
high-index surfaces is softened. However, there is still no clear
correlation between the angles and εy , so that the surfaces and
edges reconstructions, rather than the value of the angles, seem
here too at the origin of the yield strain variations.
The case of the square SiNWs (α = 90◦) is more specific,
since we calculate almost the same εy ≈ −17.4% with either
the reconstructed or the annealed surfaces (Fig. 6). The square
SiNWs present two relatively low index surfaces that are
quite stable under temperature annealing. As a result, for
square SiNWs the surface state with annealed surfaces is quite
similar to the one with reconstructed surfaces, explaining the
equivalent yield strains.
Finally, we consider the case of r-SiNWs with amorphous
shell (Fig. 6, black solid line). Surprisingly, the variation of
εy is entirely different from the ones analyzed previously.
εy remains almost constant, regardless of the value of α.
The determining role of the surface structure observed and
described above for the r-SiNW with reconstructed and
annealed surfaces is completely overridden by the addition of
an amorphous shell. The analysis of nucleation sites (Table I)
tends to confirm this assertion. While nucleations at edges
are privileged in r-SiNWs with the surface reconstructions,
nucleations occur either from edges or (preferentially) from
flat surfaces in r-SiNWs with an amorphous shell. The interface
orientation and the angle value seem to have no influence on
the yield strain in core-shell r-SiNWs.
B. Mechanism of dislocations nucleation in core-shell systems
To analyze the plastic mechanisms in core-shell SiNWs, we
choose a c-SiNW with an initial shell thickness of 2.0 nm. Nev-
ertheless, analogous results have been observed in c-SiNWs
with thinner amorphous shell and in r-SiNWs regardless of
α, at 0 K as well as with temperature. Figure 7(a) shows
the core-shell c-SiNW for a deformation of ε = −15.3%,
before the yield strain (εy = −15.5%). A slice of two atomic
planes is cut along the NW axis; this slice encompasses the
site of the first dislocation nucleation, indicated by the red
arrow [Fig. 7(b)]. The atomic mechanism is shown in detail
in Fig. 7(c). Prior to the deformation (ε = 0%), the interface
presents plenty of structural defects. At first glance, many
defects could favor the nucleation. A meticulous analysis of
the numerous deformation tests performed using c-SiNWs
and r-SiNWs evidences a characteristic point defect. As
highlighted in light red in Fig. 7(c), the interface exhibits a
local atomic structure close (but not identical) to the structure
of a perfect dislocation core. In the following, this structure
will be called “corelike.” In a perfect diamond cubic structure,
the hexagons viewed in {110} planes are made up of 6 atoms
4-fold coordinated, whereas a 60◦ perfect dislocation has a
core formed by 7 atoms 4-fold coordinated and one 3-fold
coordinated. Such a core can be seen for example in Fig. 7(c)
at −15.3%. As for it, the corelike structure is composed of
7 or 9 atoms mainly 4-fold coordinated. One or two atoms
may be 3-fold coordinated, but it is not always the case. In the
characteristic case presented in Fig. 7(c) (ε = 0%), the corelike
structure is formed by 7 atoms 4-fold coordinated. During
the deformation, this corelike structure undergoes various
reconstructions, as for example at the strain level ε = −15.3%
[Fig. 7(c)] with the appearance of a 3-fold coordinated atom. A
classical dislocation core is thus formed. Surprisingly, the core
does not slip just after this formation, appearing to be trapped
by the interface. The system has to be a little more strained
to initiate the slip of the dislocation core, and then reach
the elasticity limit [εy = −15.5%; Fig. 7(c)]. Sometimes, the
strain difference between the strain level at the formation of a
real dislocation core and the yield strain is greater (up to a few
percent). Nevertheless, the chain of the modifications from the
corelike to the classical dislocation core is quite similar.
It thus appears that the very first plastic event takes its
origin at a point defect at the crystalline-amorphous interface.
However, all such corelike defects at the interface do not
engender the first dislocation. This obvious assertion raises
the question of the driving force behind the nucleation. To
gain insight into it, we use the local von Mises shear strain
invariant,69 as implemented in ATOMEYE,70 which allows
a good estimation of the shear strain at the atomic level.
Figure 7(d) displays the same slice as that described in
Figs. 7(b) and 7(c), but colored according to the von Mises
shear strain invariant. The core observed in Fig. 7(c) just before
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FIG. 7. (Color online) Snapshot of core-shell c-SiNW before the yield strain εy = −15.5% [(a), (b)]. A slice of two atomic planes is cut
from (a) and shown in (b), which encompasses the site of the first dislocation nucleation, indicated by a red arrow. The associated atomic
mechanism is displayed in (c) for different deformation states. Atoms are colored according to their coordination number. Snapshot (d) is the
same slice as in (b) with atoms colored according to the local von Mises shear strain invariant. The deformation test is performed at 0 K.
the nucleation is called “A” in Fig. 7(d). The core “B” is another
corelike point defect located at the crystalline-amorphous
interface. The white arrow indicates strain concentration,
aligned along the slip direction, close to the core A. No such
strain concentration can be observed in the neighboring area
of the core B. It seems thus that the core that slips at the yield
strain is determined by this local strain concentration before
yield. Despite the difficulties to determine precisely the origin
of such concentration, we can reasonably assume a decisive
role of the interface roughness resulting from the annealing
realized during the amorphous shell formation, before the
deformation tests.
C. Discussion
In Sec. III A, it has been shown that the presence of
amorphous shells strongly influences the yield strain of
SiNWs. By the addition of an amorphous shell, εy is lowered
compared to bare NWs. The theory of elasticity can be
invoked to explain this lowering; indeed, the image force
is expected to be reduced when a free surface is replaced
by a crystalline-amorphous interface. Since the image force
attracts the dislocation towards the surface (or towards the
crystalline-amorphous interface), its reduction is consistent
with a lowering of εy . However, this is a coarse analysis
assuming planar interfaces separating semi-infinite media, and
the accurate determination of the image force in the case of
core-shell nanowires is quite difficult to perform, even in the
framework of linear isotropic elasticity. Furthermore, if an
image effect would be important for the systems considered in
this study, it would entail an influence of the shell thickness on
the yield strain, which is not observed here. The mechanism of
dislocation nucleation described in Sec. III B rather suggests
that the lowering of the yield strain is due to the presence of
corelike defects at the crystalline-amorphous interface. Such
defects act as new seeds for dislocation nucleation. Since they
are interface defects, the shell thickness has no influence on
their activation, and consequently on the yield strain.
Besides, while the surface and edge structures seem to be
the key parameters for the control of the onset of plasticity
and the associated yield strain for SiNWs with perfectly
reconstructed surfaces, this effect disappears as soon as the
surface loses its periodic arrangement and in particular, in the
presence of a thin amorphous layer. In the latter case, the yield
strain remains approximately constant whatever the interface
orientation is (Fig. 6). In addition, for the rhombic NWs, the
edges stop to be a favored site for the beginning of plasticity
when a thin amorphous shell is present. The cross-section
shape of the NW seems to have no effect on the onset of
plasticity once it is covered by a thin amorphous layer. This
is confirmed by comparing the yield strain for the circular
core-shell SiNWs (Fig. 5) to that obtained for the rhombic
core-shell SiNWs (Fig. 6): They are equivalent. Conversely,
without the amorphous shell, the yield strain obtained for the
circular SiNWs is slightly different from that obtained for
the square SiNWs, in agreement with the results observed by
Yang et al.33 Once again, the role of the corelike defects is
essential: Since they are native point defects, their activation
and consequently the yield strain are not dependent on the
specific cross-section shape. As experimentally the SiNWs are
always covered by an amorphous layer, most of the time an
oxide, we can expect that the plasticity of real semiconductor
NWs does not depend on their cross-section geometry, but
should only depend on the stress orientation through their
growth axis.
Note that the corelike defects are a priori not present
at (semi)coherent interfaces, so that the results emphasized
here are not relevant for core-shell NWs with such inter-
faces, in which misfit dislocations can come into play.71,72
The corelike defects must be particularly important for
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amorphous-crystalline interfaces of covalent materials in
general; indeed the directionality of the atomic bond in these
materials makes prominent the effects related to dislocation
cores.
Finally, we want to mention that at present there is no
experimental study that directly shows the role of only the
cross-section geometry or the amorphous layer thickness on
the elasticity limit. For SiNWs with similar cross-section sizes
under tensile loading, Kizuka et al.4 on the one hand and Zhu
et al.21 on the other hand have reported comparable elasticity
limit/fracture strain for NWs with seemingly different cross-
section shapes and amorphous layers. But these experimental
works were carried out with NWs of different axis, and besides
they did not yield the same mechanism of plasticity. In this
context, our results must therefore be considered as predictive.
IV. CONCLUSION
We have performed classical atomistic simulations to
investigate the onset of plasticity in core-shell crystalline-
amorphous SiNWs under uniaxial compressive strain. Using a
modified Stillinger-Weber potential and specific amorphiza-
tion processes, we have produced high-quality amorphous
shells with well-controlled shapes. Careful atomic structure
analyses have allowed us to evidence the crucial role of
the amorphous shell on the very first stages of plasticity. In
pristine NWs, we have observed dislocation nucleation from
surfaces, as previously reported.17,36,45 In core-shell NWs, the
crystalline-amorphous interface is deciding for the onset of
plasticity: It modifies both the elasticity limit and the disloca-
tion nucleation sites. Indeed, we have observed that intrinsic
point defects at the interface, similar to a 60◦ dislocation
core structure, evolve during the deformation up to form a
real dislocation core, which eventually slips and initiates then
plasticity. These native defects then behave like seeds for
dislocation nucleation. The evolution of the yield strain is
accordingly as follows: For a given NW axis and uniaxial
deformation mode, strong variations of the yield strain are ob-
served when changing the surfaces structure of pristine NWs,
whereas core-shell NWs have identical yield strain regardless
of the interface’s orientation or the amorphous shell thickness.
The role of the corelike defects in the nonvariation of the yield
strain for core-shell NWs is crucial: Since they are native
interface point defects, neither the specific cross-section shape
nor the shell thickness influences the yield strain. These results
obtained for silicon should be particularly relevant for other
covalent materials, as far as dislocation nucleation is concerned
(which must be most often the case for the smaller NWs).
Experimentally semiconductor nanowires or pillars are in
most cases surrounded by a disorganized shell (amorphous
or with many surface defects as introduced by focused ion
beam techniques, for example). It can then be assumed
that for a given NW axis, their plasticity is independent
of the cross-section geometry when submitted to uniaxial
deformation. To go further, the results evidenced in this paper
can serve as a support to study the ability of tuning some
mechanical properties of initially pristine nanostructures by
simply controlling the surrounding shell.
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